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Abstract

Powder mixtures of Ni-25 mol.% Al-25 mol.% Ti were subjected to severe plastic deformation
using high-pressure torsion (HPT) to examine the formation of ternary ordered intermetallics. In
consistency with the Al-Ni and Ti-Al systems, in which the in situ formation of binary ordered
intermetallics was achieved during HPT, a partially-ordered nanostructured B2-Ni(Al,Ti) phase
with ~11 nm grain size and high dislocation density, >10*® m?, was formed in the Ni—-Al-Ti system.
The hardness-strain behavior of the Ni-Al-Ti mixture was similar to pure aluminum having a
hardness maximum followed by a strain softening at large strains. The B2 phase transformed to a
fully-ordered Ni,AlTi phase with L2; structure after annealing at 873 K with an activation energy of
270 kJ/mol. Atomic-scale elemental mapping using scanning transmission electron microscopy
confirmed the occurrence of ordering after annealing as well as partial twining. Micropillar
compression tests showed that both yield stress and plasticity increased after annealing, and high
strength and high ductility with values as 3.6 GPa and 7%, respectively, were achieved.

Keywords: Severe plastic deformation (SPD); Nanostructure; Twining; Micropillar compression
test; Strain softening; Heusler phases
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1. Introduction

Among different severe plastic deformation (SPD) methods [1,2], high-pressure torsion
(HPT) has capability of continuously imposing extremely large shear strains under high pressures
[3,4]. The HPT method is applicable for grain refinement in a wide range of materials such as
metallic materials [1-5], semiconductors [1,6], intermetallics [7], amorphous materials [8] and
ceramics [9]. In addition to the grain refinement, HPT provides opportunity for several other
applications: (i) attainment of ultrahigh strength and high ductility [10], consolidation of metallic
powders [11] and machining chips [12], (ii) partial consolidation of hard and brittle materials such
as amorphous [13] and ceramic materials [14], (iii) control the phase transformations in several
materials such as Ti [15,16], Zr [17,18], Zr-Nb [19], Si [6], TiNi [20], ZrO, [9] and supersaturated
Al alloys [21], (iv) improvement of multifunctionality [13,22].

A recent application of HPT is for production of nanostructured intermetallics from their
elemental constituents at low temperatures [23,24]. The method was applied to powder mixtures of
the Al-Ni and Ti-Al systems and it was found that, in addition to powders consolidation and grain
refinement, the binary ordered intermetallics with high strength and high ductility were formed by
high-strain induced solid-state reactions. Despite these reports, there is limited information about
the formation of ternary intermetallics during HPT. It is noted that the synthesis of ternary
intermetallics is generally more complicated than the binary intermetallics because of the complex
interaction and diffusion of the components. For example, attempts to produce a Ni,AlTi
intermetallic, so-called Heusler alloy, with the L2, crystal structure may lead to a partially-ordered
B2 structure, or a fully-disordered BCC phase or even an amorphous phase [25-27].

In this study, HPT is applied to a Ni-Al-Ti powder mixture to examine whether the ordered
Ni>AlTi intermetallic forms. The evolution of lattice defects, nanostructures and mechanical
properties along with HPT processing as well as after subsequent annealing are investigated by
X-ray diffraction (XRD) analysis, scanning electron microscopy (SEM), transmission electron
microscopy (TEM), atomic-scale scanning transmission microscopy (STEM), differential scanning
calorimetry (DSC), hardness measurement and micropillar compression test.

2. Experimental Materials and Methods

Pure Ni (99.99%) powders were mixed with 25 mol.% Al (99.99%) and 25 mol.% Ti
(99.9%) powders by mechanical agitation, where the initial morphology of the Ni, Al and Ti
powders are shown in Fig. 1. HPT was conducted at 573 K to consolidate the powder mixture to
discs with 10mm diameter and 0.8mm thickness under a pressure of P = 6 GPa. Shear strain
y=2mN/h (r: distance from the disc center, N: number of turns, h: thickness of disc), was
introduced through rotations for either N = 3, 10, 50 or 120 turns with a rotation speed of 1 rpm.
The samples processed for N = 50 were subsequently annealed at 873 K for 1 and 24 h.

The HPT-processed discs were first polished to a mirror-like surface and Vickers
microhardness was measured with an applied load of 200 g for 15 s along the radii at 8 different
radial directions. Second, XRD analysis was performed using the Cu Ka radiation in a scanning
step of 0.01° and a scanning speed of 0.5 °/min. Third, for DSC, the disc samples processed for N =



50 were cut to small pieces at 2-5 mm away from the center. Such pieces with a total mass of ~75
mg were subjected to DSC using heating rates of 2, 3, 5, 10, 15, 20, and 30 K/min. Fourth, for TEM
and STEM, thin foils were prepared from the discs at 4 mm away from the disc center with a
focused ion beam (FIB) system. TEM and Cs-corrected STEM were performed at 300 and 200 kV,
respectively, for microstructure observation, for recording selected-area electron diffraction
(SAED) patterns and for atomic-scale energy dispersive X-ray spectrometery (EDS). Fifth,
square-shaped micropillars with a side length of ~4 um and a height of ~12 um were prepared from
the discs at ~4 mm away from the center using focused ion beam (FIB) technique so that the side
surfaces of the pillars become perpendicular to the disc surface. Compression test was conducted on
the micropillars using a microhardness testing machine equipped with a flat diamond tip with a
diameter of 20 um at a nominal stress rate of 10 MPa/s, which corresponds to an initial strain rate of
10 s, Sixth, the micropillars were observed by SEM under an applied voltage of 15 kV.

Figure 1. Morphology of (a) Ni, (b) Al and (c) Ti powders observed using SEM.



3. Results and Discussion
3.1. Disordered and ordered phases formation

XRD profiles for the as-received powders, samples after different numbers of turns and
samples processed for N = 50 and subjected to subsequent annealing at 873 K for 1 and 24 h are
shown in Fig. 2, where (b) is an enlarged view of (a).
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Figure 2. XRD profiles for (a) samples processed by HPT at 573 K for N = 3, 10, 50 and 120 and

samples annealed at 873 K for 1 and 24 h after HPT processing including as-received powder

mixtures, and (b) samples processed for N = 50 before and after annealing including as-received

powder mixtures in enlarged scale to check formation of ordered B2-Ni(Al, Ti) and L2;-Ni,AlTi
phases.



No phase transformation could be detected at the early stages of straining after y=80or N =
3 within the sensitivity limits of the current XRD experiments. Peaks for the partially-ordered
B2-Ni(Al Ti) phase with a lattice parameter of a = 0.293 nm appears after y= 270 or N = 10. It
should be noted that most peaks for the fully-disordered BCC-Ni,Al,Ti, the partially-ordered
B2-Ni(AlL Ti) phase and the fully-ordered L2; phases superimpose, but the B2 phases has a
superlattice peak at 20 = 30.5° and the L2; phases has two superlattice peaks at 26 = 26.4° and 26 =
30.5° which can be used for their recognition. A comparison between the peak for the elemental
constituents at 20 = 44.6-44.8° and the peak for the B2-Ni(Al, Ti) phase at 26 = 43.7° indicates that
the fraction of the B2-Ni(Al, Ti) phase increases with increasing the shear strain. After N = 3, there
is just one peak at 26 = 44.6-44.8° indicating that no B2 phases is formed. The peak is extended to
the lower angles after N = 10, indicating that small amounts of B2 phase are formed. After N = 50, a
peak at 26 = 43.7° is visible, showing that large amounts of B2 phase are formed. The material at
large shear strains (e.g. »= 3300 or N = 120) after HPT processing consists mainly of the B2 phase,
although some fractions of unreacted elemental constituents (Ni, Al and Ti) are still present even
after HPT for N = 120. Appearance of the (111) peak at 26 = 26.4° after the post-HPT annealing
confirms that the material transforms to the fully-ordered L2:-Ni,AlTi phase with a lattice
parameter of a = 0.584 nm. Therefore, in consistency with the Al-Ni and Ti-Al systems, in which
the formation of ordered phases occurs during HPT processing [23,24], a partially-ordered B2 phase
is formed in the Ni-Al-Ti system during HPT processing and the partially-ordered B2 phase
transformed to a fully-ordered L2; phase by subsequent annealing.

It should be noted that Ti exhibits a pressure-induced phase transformation from an o, phase
with the hcp crystal structure to an o phase with the simple hexagonal structure during HPT under
the pressures higher than 4 GPa at room temperature [15,16]. The HPT was conducted under 6 GPa
in this work, but XRD analysis confirmed that the transformation to «® phase was not detected after
various numbers of turns. The difference arises because the processing temperature of 573 K used
in this study is high enough to induce the reverse phase transformation to a phase (the temperature
for revere phase transformation is ~423 K [16]).

3.2. Activation energy for ordering

The variation of heat flow with temperature after DSC analysis of the sample processed by
HPT for N = 50 is shown in Fig. 3(a) and (b) at different heating rates, where (a) is an enlarged
view of (a) to check the peak temperatures. A peak corresponding to the formation of the ordered
L2:-Ni, AlTi phase [26] appears at a temperature in the range of 750-850 K for each of the heating
rates on the HPT-processed sample. Examination of Fig. 3(a) shows two points. First, the area
surrounded by each peak in W/g increases with increasing the heating rate. This increase is a
consequence of the fact that the area surrounded by each peak in J/g is dependent on the
transformation enthalpy and independent of the heating rate. However, the time for heat generation
decreases with increasing the heating rate, and thus, the heating power (area surrounded by each
peak in W/g) should increase in proportion to the heating rate. Second, the peak temperature shifts



to higher temperatures by increasing the heating rate. The peak shifts can be used to evaluate the
activation energies using the Kissinger equation [28] as described in details in Ref. [29]
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Figure 3. (a) DSC curves obtained using different heating rates, (b) enlarged scale of (a) to show
peak temperatures, and (c) #/T® plotted against 1/T (T: peak temperatures, ¢: heating rate) for
sample processed by HPT at 573 K for N =50. Slopes in (b) represent activation energy for

formation of L2;-Ni,AlTi phase.
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where ¢ is the heating rate, T is the peak temperature, Q is the activation energy and k is Boltzmann
constant. Figure 3(c) plots ¢/T2 against 1/T in the semi-logarithmic scale, showing that all data
points are well on a single straight line. Thus, the slope of the line gives rise to Q = 270 kJ/mol for
ordering and formation of the L2;-Ni,AlTi phase from B2-Ni(Al Ti). Such a high activation energy
for the ordering may explain why the fully-ordered L2; phase could not be formed during the HPT
processing at 573 K. Stability of disordered or partially-ordered phases during HPT which was
reported in several other intermetallic systems [20,30] can be another reason for the formation of B2
phase rather than L2; phase.

3.3. High dislocation density

Figure 2 shows that a significant peak broadening occurs by the HPT processing but
disappears after the subsequent annealing at 873 K. This indicates unambiguously that recovery and
recrystallization occurs during the annealing. If the lattice strain and crystallite size are calculated
from the peak broadening using the Williamson-Hall method and the dislocation density is
calculated as p =14.4¢*/b* (e lattice strain, b: burgers vector) [31], it turns out that the
dislocation density and crystallite size are 5x10"® m? and 5 nm, respectively, in the B2-Ni(Al,Ti)
phase after the HPT processing and 3x10** m? and 51 nm in the L2:-Ni,AlTi phase after the
subsequent annealing. It should be noted that the scattering of data points from the Williamson-Hall
equation was appreciable in this study. The dislocation density after HPT processing in this study is
comparable to those reported for HPT-processed pure metals [29,32], alloys [33,34] and ceramics
[9]. However, the crystallite size of 5 nm is considerably smaller than those reported in
HPT-processed pure metals and alloys [32].

3.4. Nanostructure formation

Microstructures are shown in Figs. 4, where TEM images including SAED patterns are
shown in (a) and (b) for the samples processed by HPT for N = 50, and in (c-f) for the same sample
after post-HPT annealing at 873 K for 24 h. In Fig. 4, micrographs (b) and (d) are dark-field images
of (a) and (c), respectively, which were taken with diffracted beams indicated by arrows in the
SAED patterns. TEM characterization indicates several important points. First, the microstructures
consist of nanograins after HPT processing. Second, the grain size increases after subsequent
annealing. Third, ring patterns from the SAED analyses indicate that most of the nanograins are
separated by high angles of misorientations after HPT and the misorientation angles remain high
even after the annealing. Fourth, being similar to the Ti-Al system, the severely-deformed samples
exhibit nanotwin formation by subsequent annealing because of the low stacking fault energy [24].
Fifth, microstructure is heterogeneous after annealing which includes nanotwinned grains as marked
A in (c), nanograins as marked B in (e) and submicrometer grains as marked C in (f).



N = 50 and (c-f) same sample annealed at 873 K for 24 h, where micrographs (b) and (d) are
dark-field images of (a) and (c), respectively. Dark-field images were taken with diffracted beams
indicated by arrows in SAED patterns.

The grain size distribution at the steady state after HPT processing for N = 50 and after
post-HPT annealing at 873 K for 24 h is shown in Fig. 5. The grain sizes were obtained from the
dark-field images as shown in Figs. 4(b) and (d) by measuring the two orthogonal axes of the bright
areas corresponding to more than 100 grains. The average grain size after HPT is ~11 nm and is
well in the nanometer range. The grain size increases by annealing but the average grain size still
remains small as ~170 nm. The grain size of 11 nm is significantly smaller than the values reported



for HPT-processed pure metals and alloys [3,4], but it is comparable to or even smaller than the
grain sizes of HPT-processed intermetallics [7], semiconductors [1,6] and ceramics [9].
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Figure 5. Number fraction of grain size distribution for sample processed by HPT at 573 K for
N = 50 and sample annealed at 873 K for 24 h after HPT processing.

Figure 6 shows high-resolution (a-d) TEM and (e,f) STEM images including the
corresponding diffractograms obtained by Fast Fourier Transform (FFT) analyses: (a-c) a sample
processed by HPT for N = 50 and (d-f) the same sample after post-HPT annealing at 873 K for 24 h.
Note that (b) and (c) are lattice images of the grains marked a and b in (a) obtained by inverse FFT.
Examination of Fig. 6 indicates several important points.

(i) 1t is confirmed that the nanograins form after HPT processing and they coarsen after
annealing.

(i) An inspection of (f) indicates that the partially-ordered phase formed after HPT
processing transforms to an ordered L2;-Ni, AlTi phase in consistency with the XRD analyses. The
formation of the ordered phase was confirmed by atomic-scale EDS as will be discussed below in
Fig. 7.

(iif) Nanotwins with an average width of ~5 nm as in (e) are formed by post-HPT annealing.

(iv) The grain boundaries after HPT are ill-defined and their width is even higher than 1 nm
in (a) which is consistent with Ref. [35], but the grain boundaries become sharper after the
post-HPT annealing in (d). It should be noted that this ill-defined nature is not due to the inclination
of the boundaries with respect to the surface normal because well-defined condition was not
attained even after tilting the sample during the TEM observations. If the width of grain boundaries
is considered to be 1 nm, estimation shows that 15 vol.% of the sample is occupied by grain
boundaries for the grain size of 11 nm after the HPT processing, but less than 1 vol.% of the sample
with the grain size of ~170 nm after the post-HPT annealing.

(v) Figures. 6(b) and (c) clearly show that there is an edge dislocation in the interior of
grains. If the dislocation density is estimated as p = n/(nd*/4) (n: average number of dislocations in



one grain, d: average grain size) an estimation results in p = ~10'® m?, provided that a single edge
dislocation exists in one grain with the grain size of 11 nm. As compared in Table 1, this value is

reasonably consistent with the value of 5x10'® m? calculated using XRD analyses.

Figure 6. (a) TEM High resolution image and corresponding FFT analysis for sample processed by

HPT at 573 K for N = 50, (b, ¢) lattice images of edge dislocations obtained by inverse Fast Furrier

Transform from grains marked b and c in (a), respectively, (d) TEM high resolution image and

corresponding FFT analysis for sample annealed at 873 K for 24 h after HPT processing, (e, f)

STEM lattice images of twin and L2;-Ni,AlTi ordered phase, respectively, for sample annealed at
873 K for 24 h after HPT processing.
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Table 1. Grain size, volume fraction of grain boundaries, dislocation density and twin width for
sample processed by HPT at 573 K for N = 50 and same sample after annealing at 873 K for 24 h,
measured by TEM and XRD analyses.

Grain Size Grain Boundary  Dislocation Density ~ Twin Width

(nm) (vol.%) (m®) (nm)
Method TEM XRD TEM XRD TEM
As-HPT 11 5 15 5X10"
Anneal 170 51 1 3X10™ 5
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Figure 7. (a) STEM-HAADF lattice image and (b) corresponding atomic-scale EDS mappings with

Ni (red color) and Ti (green color) including (c) simulated arrangement of Ni, Al and Ti atoms

for samples processed by HPT at 573 K for N = 50 and annealed at 873 k for 1 and 24 h after HPT
processing.

Figures 7 shows (a) a STEM high-angle annular dark-field (HAADF) lattice image and (b)
the corresponding atomic-scale EDS mapping of Ni (red), Al (blue) and Ti (green) including (c) the
simulated arrangement of Ni, Al and Ti atoms for the sample processed by HPT at 573 K for N = 50
and post-HPT annealed at 873 k for 24 h. It should be noted that the intensity of EDS mapping of Al
was too low to be recorded. Since the atomic number of Al is smaller than those of Ni and Ti, the
dim points as indicated by the arrow in the HAADF lattice image in (a) should correspond to Al. It
is apparent from Fig. 7(a-c) that Ni, Al and Ti are present in a regular atomic arrangement which is
well consistent with the L2; ordered structure.
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3.5. Hardness-strain behavior

Figure 8(a) shows the hardness variation with the distance from the center of disc after HPT
processing for N = 3, 10, 50 and 120. The hardness increases with an increasing number of turns
and an increasing distance from the disc center. The saturation of the hardness level appears in the
discs after 10 or more turns and in particular the hardness values after 50 and 120 turns lie close to
this saturated level. To demonstrate the hardness behavior with respect to shear strain, all hardness
values in Fig. 8(a) are plotted against the shear strain in Fig. 8(b). It is apparent that hardness
increases with increasing the shear strain, reaches a maximum at an equivalent strain of ~300,
decreases to a constant level at an equivalent strain of ~500, and remains at this constant level with
increasing the strain.
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Figure 8. Vickers microhardness plotted against (a) distance from disc center and (b) shear strain for
samples processed by HPT at 573 K for N = 3, 10, 50 and 120.
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This unusual hardness-strain behavior is basically similar to the earlier observation of pure
metals with low melting temperatures such as Al [36-39], Mg [40] and Zn [41,42]. This behavior
can be also detected in other alloys and metals when processed at high homologous temperatures
[41,43-45]. The softening of pure metals at large strains was attributed to easy recovery of
dislocation and easy recrystallization [36,46]. However, the softening at large strains in the
Ni-Al-Ti system cannot be attributed to the dislocation recovery or recrystallization because the
dislocation density is quite high and the grain size is very small at the steady state. One reason for
the softening at large strains may be due to the reverse Hall-Petch effect. Although the Hall-Petch
effect suggests that the yield strength increases with the inverse square root of the grain size, recent
investigations documented that a softening occurs as the grain size is reduced below ~25 nm
because of the grain boundary-associated mechanisms such as grain boundary diffusion and sliding
[47]. The high dislocation density may be another reason for the softening at the steady state.
Hardness increases with increasing the dislocation density in coarse-grained materials; however,
Huang et al. [48] found that the effect of dislocations on the hardness can be totally different in
nanometals. They reported a hardening by annealing and a softening by plastic deformation in
SPD-processed nanometals. They suggested that, because there are no dislocations within
nanograins after annealing, extra stress is required to create dislocations for deformation. However,
since some dislocations are present after SPD, the sample deforms readily as there is no requirement
for the generation of mobile dislocation.

3.6. Hardening by annealing

The hardness values were measured after annealing of the HPT-processed samples and
plotted in Fig. 9 together with those at the saturation for the as-HPT-processed samples including
those for pure Al, Ti and Ni after HPT processing at 298 K for comparison. The hardness values in
this study are much higher than the saturation levels for pure Al, Ti and Ni reported in Ref. [16,41].
Despite the relatively high annealing temperature as 873 K, the HPT-processed samples exhibit
abrupt increases in the hardness after the annealing. Here, the amounts of these increases range up
to ~250 Hyv, although the hardness decreases slightly with increasing the annealing time for 24 h.

The main reason for the hardness increase by the annealing must be due to completion of
solid-state reactions and formation of a fully-ordered L2;-Ni,AlITi phase. Formation of a large
fraction of twin boundaries [24], the reverse Hall-Petch effect [47] and the paradox of dislocations
disappearance [48] may also partly contribute to the hardening by annealing in this study.

3.7. Ultrahigh strength and high plasticity

Two representative stress-strain curves before and after annealing the HPT-processed
samples are delineated in Fig. 10 from micropillar compression tests conducted at room temperature
with a pillar size of ~4x4x12 um?, as attempted in earlier papers [24,49,50]. The sample after HPT
but before annealing, which consists mainly of a B2 phase, exhibits a high yield strength, ~1.6 GPa
and high ultimate strength, ~2 GPa, with an appreciable plasticity as 4%. The sample after
subsequent annealing, which contains the L2; phase, exhibits a high plasticity as ~7%, an enhanced
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yield strength of ~3.3 GPa and an ultrahigh ultimate strength of ~3.6 GPa.
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Figure 9. Steady-state hardness levels for samples processed by HPT at 573 K for N = 50 and
annealed at 873 k for 1 and 24 h after HPT processing including steady-state hardness levels for Al,
Tiand Ni processed by HPT at 298 K taken from Ref. [16,41].
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Figure 10. Nominal stress versus nominal strain curves for samples processed by HPT at 573 K for
N = 50 and annealed at 873 k for 24 h after HPT processing obtained by micropillar compression
tests.

Figs. 11 and 12 show micropillars of the HPT-processed samples before and after the
annealing, respectively, where (a), (b) and (c) are before compression tests, after compression test
and magnified views including the fractured parts. An additional micrograph is shown in Fig. 12(d)
for a close observation of the deformed surface. Inspection of the pillars after the compression
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reveals that the pillar prior to the annealing is failed with cleavage-like fracture with no significant
localized plasticity but the pillar after the annealing exhibits many plastically deformed areas. The
plasticity of 7% in the L2;-Ni,AlTi phase is considered as a high plasticity level for intermetallic
materials. Although the pillars with small sizes exhibit artificially high plasticity [51], the pillar size
of 4 um is large enough to eliminate the size effect on the plasticity [24]. The high strength obtained
after annealing should be mainly due to the formation of ordered phases. However, the main
mechanism underlying the high plasticity in the L2;-Ni.AlTi phase is not well understood yet. The
high plasticity may be due to three main reasons: first, presence of nanotwins before deformation
[52] as shown in Figs. 3(b,c), second, activation of different deformation mechanisms such as
dislocation slip, as shown in Fig. 12(d), twining and grain boundary sliding during the deformation
[10,24] and third, heterogeneous grain size distribution [53,54], as shown in Figs. 4 and 5.

Figure 11. Appearance of pillar for sample processed by HPT at 573 K for N = 50. (a) before
compression observed by secondary electrons in FIB and (b, c) after compression observed by
secondary electrons in SEM, where (c) is magnified view of (b).
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Figure 12. Appearance of pillar for sample processed by HPT and successively annealed at 873 k
for 24 h (a) before compression observed by secondary electrons in FIB and (b-d) after compression
observed by secondary electrons in SEM, where (c) and (d) are magnified views of (b).

4. Conclusions
Powder mixtures of Ni- 25 mol.% Al- 25 mol.% Ti were subjected to HPT processing at 573
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K and successively to annealing at 873 K. The following conclusions were drawn from this study.

1.

A partially-ordered B2-Ni(Al,Ti) phase with an average grain size of ~11 nm containing a high
dislocation density as high as >10'® m* was produced in situ during processing by HPT.

The hardness-strain behavior was similar to metals with low melting temperatures, having a
hardness maximum followed by a softening to a steady state.

The B2 phase transformed to fully-ordered L2;:-NiAlTi phase with an average grain size of
~170 nm after annealing with an activation energy for ordering of 270 kJ/mol.

Nanotwins with an average twin width of ~5 nm were partially formed after annealing the
HPT-processed samples.

The material exhibited a hardening by annealing because of the formation of the L2;-Ni,AlTi
intermetallic. Micropillar compression tests showed that the material had a high strength of ~3.6
GPa and a high plasticity of ~7% after the annealing.
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